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ABSTRACT: Properties of 1,4-trans-poly(isoprene) at ambient conditions are determined by simulations
on two length scales based on two different models: a fully atomistic and a mesoscopic one. The models
are linked via a mapping scheme such that one mesoscopic bead represents one chemical repeat unit.
Melts as well as solutions of several chain lengths are investigated and mapped individually to the meso-
scale. The resulting models are compared to each other. The meso-scale models could be simulated over
a large variety of chain lengths and time scales relevant for experimental comparison. Concerning static
properties, we determine the persistence length and the scaling behavior of the radius of gyration. The
latter is compared to experiments, and the agreement is satisfactory. Furthermore, we find deviations
from Rouse dynamics at all chain lengths at ambient conditions.

I. Introduction

Poly(isoprene), better known as rubber, is one of
the most commonly used polymers. Its natural form,
kautschuk, is highly abundant in nature, and for
technological purposes, synthetic variations are easily
industrially polymerized from isoprene.l As an elas-
tomer, its rich field of technical applications comprises
tires, textiles, or cable coatings.? Still, some of its static
as well as dynamic properties are not yet understood
on a microscopic basis.

The time and length scales important for the inves-
tigation of polymeric materials generally cover a wide
range—from angstroms and picoseconds to millimeters
and eventually hours. There is no hope to capture all
important quantities of a system with one single model.
Thus, computational methods have to be developed to
use the information in more detailed models as an input
for coarser models, allowing to investigate larger sys-
tems. The most prominent example is the step from
quantum chemistry (based on Schroedinger’s equation)
to semiempirical atomistic models (based on Newton'’s
equation of motion). For many modern applications this
step is not sufficient. So, the mapping of atomistic
systems to meso-scale systems (in which monomers,
thought of as “super-atoms”, are the smallest units of
the simulation) became the focus of several studies.

Coarse-graining (CG) approaches have reached con-
siderable attention over the past decades; for a recent
review see ref 3. The basic idea of all CG schemes is to
separate the system into fast and slow variables where
the fast degrees of freedom are not of primary interest
for the question under study. Thus, a model can be
compiled containing the slow degrees of freedom only.
Recently methods have become available to perform
coarse graining in a polymer-specific and systematic
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way.*~7 We refer to a systematic procedure if the
identity of the polymer is not lost during the mapping
procedure. Moreover, the purpose of such techniques is
to develop meso-scale models for the simulation of large
systems of specific polymers. To ease the mapping
procedure, two automatic optimization schemes have
been developed by our co-workers and us: a simplex
algorithm technique®® and the iterative Boltzmann
inversion method which directly targets the problem of
structure differences with a physically motivated ap-
proach.” Similar ideas have been applied to reproduce
experimental data in atomistic simulations.®

The goal here is that two models on different length
scales should produce the same distribution functions
on the larger of the two length scales. Then, we can
regard them representing the same polymer. Because
of its rich applications, we take poly(isoprene) as an
example. Additionally, we point out some differences to
recent findings in studies of semigeneric bead—spring
models incorporating stiffness as the only local charac-
teristics.101!

I1. Investigations with Atomistic Detail

As a basis for our mapping procedure we need
atomistic simulations with good accuracy. We performed
simulations with appropriately designed force fields
reproducing the atomistic structure and thermodynam-
ics very reliably.

A. Melt Investigations. The atomistic melt simula-
tions have been described in detail in ref 12. Let us
briefly summarize the main characteristics. The simula-
tion box contains 100 oligomers of average length 10
monomers. All chains represent trans-poly(isoprene) (cf.
Figure 1). We use a self-developed all-atom force field
resulting in 132 interaction sites for a 10-mer;!? every
atom is represented by one interaction site (cf. Tables
1-3). The simulations lasted for 1—2 ns at ambient
conditions (T = 300 K, p = 101.3 kPa); cf. Table 4. The
model is capable of describing local reorientation func-
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Figure 1. Illustration of the mapping of trans-1,4-poly-
(isoprene) from the atomistic to the mesoscopic level. Each
chemical repeat unit is represented by one super-atom. As
center of these super-atoms, we choose the middle of the
atomistic bond between two successive chemical repeat units
(marked by a outlined square). This is useful because the
resulting mapped chains generate well-distinguishable peaks
for the various intramolecular distributions.

Table 1. Angles (Equilibrium Values ¢o and Potential
Strength k) and Bond Lengths? I, for Atomistic Melt
Simulations of Poly(isoprene)

angle ¢o[deg]  Kk[kJ/(mol rad?)] bond Ip [nm]
C1—C,—C3 128.7 250 C;—C, 0.150
CZ—C3—C4 124.4 250 C2=C3 0.1338
C,—C3—Cs 120.2 250 C3—Cy 0.151
C4—C3—Cs 115.4 250 C3—Cs  0.1515
C3—Cs—C; 114.5 250 Cs—C;  0.155
Cs5—C1—C» 112.7 250 C—H 0.109
C—Cspz—H 109.5 250
C,—Cy—H 114.4 250
C3—Cy—H 114.4 250
H-C—H 109.5 250

aThe bond lengths are constrained using SHAKE.33

Table 2. Force-Field Parameters of the Nonbonded
Interactions for Atomistic Melt Simulations of
Poly(isoprene)?

atom m [amu] o [nm] € [kd/mol]
Cep2 12.01 0.321 0.313
Csp3 12.01 0.311 0.313
H 1.00782 0.24 0.2189

am is the atom mass, ¢ the interaction radius, and ¢ the
interaction strength.

Table 3. Force-Field Parameters of the Dihedral Angles
for Atomistic Melt Simulations of Poly(isoprene)?

equilib angle barrier
torsion 70 [deg] k; [kd/mol] periodicity i
1 0 5.2 1
1 0 7.4 2
1 0 10.0 3
2 180 9.7 1
2 180 14.1 3
3 0 —-21.1 1
3 0 —12.3 2
3 0 0.5 3

aTorsions 1 to 3 are numbered from left to right (cf. Figure 1).
Torsion 1 corresponds to the bond between atoms 3 and 5.

tions in comparison to NMR measurements and repro-
duces reasonably the melt structure factor of poly-
(isoprene).12.13

Nonbonded interactions between atoms connected by
any bonding potential and the so-called “1-5" and “1—
6” interactions were excluded. Constant temperature
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Table 4. Summary of the Characteristics of the Atomistic
Melt Simulations

system T [K] tsim [PS] Mw/Mn o [kg/m3]
M1 300 1184 1.00 890
M2 300 2012 1.05 917.4
M3 300 1737 1.05 916.8
M3 413 792 1.05 826

and pressure are ensured using Berendsen’s method!*
with time constants 0.2 ps for temperature and 8 ps for
pressure. The pressure coupling using a compressibility
of 2 x 1077 kPa~! was employed for the three Cartesian
directions independently. All simulations were per-
formed using the YASP molecular simulation package'®
with a time step of 1 fs and a cutoff for the nonbonded
interactions at 0.9 nm. Configurations were saved every
picosecond. No charges were used through the simula-
tions.

B. Atomistic Simulations of Poly(isoprene) in
Solution of Cyclohexane. For the atomistic simula-
tions of trans-P1 in cyclohexane we used the same force
field as in the melt simulations, except that only
interactions up to 1—4 interactions (inclusive) are
excluded. Again we restrict ourselves to a brief summary
as the simulations of the solution are described in detail
in ref 16. The cyclohexane force field was developed
using the automatic simplex method?® and tested in the
dynamics of mixtures of cyclohexene and cyclohexane.”
For this study we augmented the cyclohexane force field
with torsion potentials along the ring in order to avoid
inadvertent flipping between the chair and boat con-
figuration. The original cyclohexane force field and its
torsion revision are found in refs 9 and 16. The densities
of the solutions increase slightly with concentration of
polymer (Table 5). They are very close to the density of
pure cyclohexane without torsions (767.7 kg/m3),%17
which in turn was optimized against experimental data.
We did not reoptimize the Lennard-Jones parameters.
Therefore, the pure cyclohexane system has a slightly
lower density as the molecules are less flexible and less
spherical due to the torsions. To decide on the quality
of the solvent the radius of gyration

Re =4/ Z(miriz)/zmiv F=R-RI (1)

and the end-to-end length are important characteristics.

The mean-square end-to-end distance 4/[R5_,[Jis mea-
sured between the terminal carbons of the chain.
Additionally, the hydrodynamic radius Ry was calcu-
lated as the first inverse moment of the distance vec-
tors:18

1 _ 1 &1D @
Ry N2HFT

Here, N represents the number of monomers of the
chain and r;; the distance between two arbitrarily chosen
super-atoms i and j.

We do not find a systematic variation of the radius of
gyration with concentration. In the system with two
chains in a solvent of 500 molecules the two chains
behave differently whereas in the more highly concen-
trated systems the radii of gyration are very close
although they were also started with the same initial
configurations as the other two chain system. The
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Figure 2. Reorientation correlation function of whole chains
in solution in semilogarithmic representation. We show the
second Legendre polynomial P, of the reorientation angle. The
shortcuts S1, S3, and S4 are defined in Table 5.

autocorrelation functions of the gyration radii decays
on the scale of less than 100 ps. The systems are
equilibrated; still the error bars are quite large. To
decrease them substantially, much larger simulations
would be necessary. This was not the purpose of the
atomistic simulations as the long time scales are left to
the coarse-grained model to be developed here.

In Figure 2 we show the decay of the reorientation
correlation function of the end-to-end vector of the whole
chains in solution. This function overall follows an
exponential tendency, and the correlation time is on the
order of 2—4 ns, showing reasonable equilibration.
Additionally, the overall reorientation becomes slower
with increasing concentration. The dynamics of the
solvent is found to slow down and become more aniso-
tropic with increasing concentration.®

Atomistic molecular dynamics cannot equilibrate such
a system to the absolute decay of the end-to-end
correlation function even for a oligomer system. This
again shows the necessity to deal with even relatively
simple solutions of oligomers in a multiscale way.
Nonetheless, as we are able to decrease the correlation
function of the overall reorientation to below 30% for
the slowest system, we have a good starting point for
our multiscale approach, especially as we combine the
different independent systems.

I11. The Mapping Procedure

The mapping procedure is the same for both the melt
and the solution system. It has been described in full
detail in ref 7, so we limit ourselves to a short summary.
Distribution functions from atomistic simulations are
the basis of the mapping, since the mesoscale model is
optimized against them. In this study, M1 (for the melt)
and the combination of S1 and S3 (for the solution) were
chosen as parent atomistic simulations (see Tables 4 and
5). The mapping itself is illustrated in Figure 1. Each
chemical repeat unit is replaced by one super-atom
(interaction center), located in the middle of the atom-
istic bond between successive chemical repeat units.
Consequently, an atomistic N-mer will be coarse-grained
to a (N — 1)-mer. The reasoning behind this choice is
that the such mapped super-atoms are more spherical
compared to the case in which one would have chosen
the center of mass of the real monomer. The advantage
is that the mapped chains generate well-distinguishable
peaks for the various intramolecular distributions. For
long chains the error introduced due to the missing rests
is negligible.

In this contribution, we use exclusively the pressure-
corrected CG force field which has been optimized by
the inverted Boltzmann method.” The inverted Boltz-
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mann method utilizes the differences in the potentials
of mean force between the distribution functions gener-
ated from a trial potential and the true distribution
functions to improve the effective potential successively.
We would like to derive an effective nonbonded potential
Vo(r) from a given tabulated start potential Vo(r),
targeting to match the radial distribution function ge.(r).
Simulating our system with Vy(r) will yield a corre-
sponding go(r) which is different from g.(r). The poten-
tial therefore needs to be improved, which is done by a
correction term —kgT In[(go(r)/g(r)]. This step can be
iterated as follows by

g;(n
V() = Vi(r) — kgT |n(%) €)
until
frarger = . @(r)(@u(r) — g(r))° dr (@)

falls below an initially specified threshold. We apply
w(r) = exp(—r) as weighting function in order to specif-
ically penalize deviations at small distances. Note that
all potentials derived this way are known purely nu-
merically. We do not attempt to use analytic functions.

Pressure corrections can be introduced in polymer
systems by adding a weak linear potential term to the
attractive long-range part of Vj(r) as in most cases the
initially optimized structure corresponds to a pressure
different from the one at which the atomistic simula-
tions are performed. We then postoptimize the structure
of the system according to the above scheme in turn with
linear additions until also the pressure matches the
atomistic system. The pressure correction is of the form

r

cutoff,

Viinpo = A(l —~ ) A= —0.1kT (5)

Taking this as a starting condition, we reoptimize the
system against the structure. This combined method
was iterated until the structure and the pressure were
in agreement with target values. The pressure correc-
tion mainly acts on the longer-range attraction whereas
the structure is dominated by the short-range repulsion.

We do not only optimize the nonbonded interactions
but additionally the intrachain bonded interactions. The
bonds between super-atoms were taken as harmonic
bonds to reproduce the distance found in the atomistic
simulations. The way we chose the interaction center
for the super-atoms allowed us to use a simple harmonic
potential. It has been shown1%1° that local stiffness can
play a crucial role in the local dynamics. To model such
a stiffness more realistically, also bond angle distribu-
tions on the super-atom level have been recorded in the
atomistic simulations. These distributions are used then
as target functions in exactly the same way the radial
distribution functions are used for the nonbonded
interactions. This allows us not only to use the persis-
tence length as a local characteristics but also to include
a more detailed description of the intrachain interac-
tions. These “super-bond angles” connecting three super-
atoms depend on six consecutive atomistic torsion
potentials, so that the local conformations enter in the
coarse-grained model in a systematic way. For simplic-
ity, we did not include torsion potentials on the coarse-
grained level. The recorded distributions were flat
enough in order to neglect them.”
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Table 5. Thermodynamic and Static Properties of the Solution?

system Np Nc c [%] o [kg/m?3] tsim [Ns] Ry [nm] Rg [nm] Re?/RG?
SO 0 500 0.0 756.3 1.0
S1 1 250 4.6 764.2 11.25 1.33+0.12 1.21+0.20 6.1
S2 1 500 2.4 757.5 5.58 1.40 + 0.05 1.26 + 0.10 6.0
S3 2 500 4.6 762.5 7.81 1.34 +0.10 1.23+0.20 6.5
S4 2 250 8.9 768.2 11.56 1.37 £ 0.09 1.29 + 0.15 7.2

a Details of the different systems and the numbers with which they are referenced in the following. Np is the number of oligomers
(CssH122) and Nc the number of cyclohexane molecules. ¢ is the concentration in weight % polymer. tsim is the simulated time for the

systems.

Table 6. Data of the Mesoscopic Brownian Dynamics Poly(isoprene) Melt Simulations®

chain length N 9 15 20 35 40 45 50 65 85 100 120
no. of chains N¢ 100 150 150 100 150 150 80 130 50 120 100
pressure p* +0.0 —0.01 —0.04 —0.15 —0.07 —0.08 —0.08 —0.08 —0.09 —0.09 —0.09
simulation time 3.0 4.0 4.0 7.2 6.0 6.0 8.0 6.0 8.0 6.0 6.0
[108 time steps]

Rg [nm] 0.75 1.03 1.20 1.63 1.75 1.87 1.97 2.25 2.63 2.85 3.14
Ry [nm] 1.11 1.19 1.27 1.50 1.60 1.65 1.69 1.98 1.98 2.21 2.42
RG/RH 0.68 0.86 0.94 1.09 1.10 1.13 1.17 1.14 1.33 1.29 1.30
Re%/Rg? 6.0 6.0 6.0 6.0 6.0 6.0 6.0 6.0 6.0 6.0 6.0
Deenter [1076 cm?/s] 16.6 10.7 6.7 4.2 2.5 2.3 29 1.3 1.3 0.8 0.6
Deom [107%cm?/s] 16.0 10.9 6.7 4.1 25 2.3 2.8 1.3 1.2 0.8 0.6

a The pressure is stated in reduced units.?® All systems are simulated at a temperature of T = 300 K and at a density of p, = 7.25
monomers/nm?3 and correspond to the atomistic simulation M1. The static properties come with a standard error of ~5% and the dynamic
properties with an error of ~15%. For the dynamic mapping at this temperature we used the method described in ref 34.

Further details of the optimization procedure of
different systems, including the two systems discussed
here, can be found in ref 7. For the polymer melt system
three iterations were enough to reproduce a radial
distribution function which was virtually indistinguish-
able from the target except for the pressure correction.
It took 10 cycles to get a sufficient accuracy in both
structure and pressure.

IV. Mesoscale Simulations

A. Technical Simulation Details. Brownian dy-
namics (BD, for the melt) and Monte Carlo (MC, for the
solution) simulations have been performed on the me-
soscale level. All BD runs used the NVT ensemble, with
values for density and temperature corresponding to the
values of the parent atomistic simulation. The systems
consisted of an orthorhombic box employing periodic
boundary conditions. Langevin equations of motion were
integrated by the velocity Verlet algorithm with a time
step At = 0.017%° at a dimensionless temperature of
T* = 1. This temperature was maintained by the
Langevin thermostat with friction constantI' = 0.5771.2
For the MC simulations representing the solution case,
a single chain program was used.?? The code uses
various kinds of Pivot moves to get the equilibrium
distribution of a single chain in the canonical ensemble.
Here, 10° accepted equilibration moves were carried out
before a production run of 108 accepted moves was
started. For analysis, every 500th configuration was
stored, in both BD and MC simulations.

B. Static Properties in the Melt and in Solution.
The results of the CG simulations are summarized in
Table 6 for the poly(isoprene) melts and in Table 7 for
the solutions. In both cases the radius of gyration Rg
and the hydrodynamic radius Ry are correctly repro-
duced compared to the values of the parent atomistic
simulations (within standard errors).

Extensive Brownian dynamics simulations were car-
ried out to investigate the static and the dynamic
behavior of poly(isoprene) melts. The coincidence (within
statistical fluctuations) of the values for Deenter and Deom,

Table 7. Static Properties (with Standard Errors of ~5%)
As Obtained from Monte Carlo Simulations of
Mesoscopic Poly(isoprene) Solutions?

chain length N 9 15 35 50 85 100 120
Re [nm] 091 133 237 292 411 448 498
Rn [nm] 1.23 140 198 232 306 331 363
Re/RH 0.74 095 120 126 134 135 137
Re?/RG? 7.3 7.1 6.7 6.5 6.5 6.4 6.4

2 The system density and temperature correspond to the parent
atomistic systems S1 and S3.
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Figure 3. Scaling behavior of CG poly(isoprene) chains in
melt (filled circles) and solution (open diamonds).

representing the diffusion coefficient of the central
monomer of the chain and their center of mass, shows
that the system is truly equilibrated. Let us first
concentrate on the static properties. In Table 6 we list
the values for the radius of gyration Rg, the hydrody-
namic radius Ry, their ratio, and the ratio Re%/Rg? which
provide information about the extension of the chains.
The scaling behavior of Rg is shown in Figure 3. A fit
for N = 35 yields a scaling exponent of v = 0.53, which
is slightly larger than the ideal value for melts of
vmelt = 0.5, suggesting that the chains are not suf-
ficiently close to the limit of infinitely long chains. This
is also supported by the ratio Rg/Ry, which is well below
the infinite limit of around 1.5. The fact that R.2/Rg2 =
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6.0 holds for all chain lengths shows that the static
behavior corresponds to random walks.

Table 7 shows the results of the poly(isoprene) solu-
tion systems. Since we applied MC, static properties are
listed exclusively. The scaling behavior of Rg is also
presented in Figure 3. With a fit for the same region as
in the melt case (N = 35) we obtain a scaling exponent
of v = 0.60. This is slightly larger than the theoretical
value vgs = 0.588 for polymers in good solvents due to
the finite chain length. The ratio R¢%/Rg? decreases
monotonically with chain length. This indicates that the
intramolecular interactions of poly(isoprene) in the
trans state locally stretch the chains.

To the best of our knowledge, only chain size mea-
surements of cis-poly(isoprene) in solution of cyclohex-
ane have been performed.2324 Our data coincide within
the order of magnitude with the extrapolated experi-
mental data of Tsunashima et al. to our longest chains.
Applying their relation for the gyration radius, we
calculate 2.76 nm for a chain length of 100 monomers
in ®©-solution. This is almost exactly our value for the
chains of this length in the melt where also random
walk statistics is supposed to apply. Davidson et al.
measured the radius of gyration of a mixture of cis- and
trans-poly(isoprene) under good solvent conditions by
various techniques including wide-angle light scattering
for molecular weight range of 112 000 g/mol and higher.23
This corresponds to chain lengths of 1650 monomers and
longer. Extrapolating the simulation data to the two
shortest chains experimentally available, we get 23.7
nm for 112 000 g/mol compared to 17.7 nm experimen-
tally and 26.5 nm for 164 000 g/mol against 19.4 nm
experimentally. Thus, we overestimate the gyration
radii by about 35%. However, one has to keep in mind
that the experimentally investigated system contains
a mixture of the trans and cis conformers. The experi-
mentally observed scaling exponent is 0.545 and there-
fore lower than our exponent of 0.6 and the theoretically
predicted exponent of 0.588.

Next, the persistence length I, of poly(isoprene) was
estimated by the decay of the orientation correlation
along the chain backbone. The point where this correla-
tion arrives at y = exp(—1) is a good approximation
of Ip

jl
() Ty ()= exp(— ’,—b) ©)
p

Here, I, is the bond length and Uk(n) represents the unit
vector along the chain, centered at monomer n and
pointing to monomer k. The result is shown in Figure
4. The bonds are completely decorrelated beyond the
fourth neighbor for the melt. For the persistence length,
I, ~ 1.25l, (= 0.59 nm) can be estimated. As expected,
this is independent of chain length; all curves fall on
top of each other. The same holds for the solution case.
Here the persistence length could be estimated to be
Ip =~ 2.71, (= 1.27 nm), i.e., more than twice as large as
in the melt. So, the concentration of poly(isoprene)
chains has a strong influence on the intrachain statis-
tics. The dense packing in the melt favors a quick
decorrelation between neighboring chain monomers.

Finally, we can compare some of the above results to
data for a melt of generic bead—spring chains with bond-
angle stiffness.’3%° It has already been used to success-
fully map the dynamic behavior of atomistic poly-
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Figure 4. Approximation of the persistence length I, of some
arbitrarily picked CG poly(isoprene) systems. Using eq 6, the
decay of the orientation correlation function to y = exp(—1)
approximates I,. In the melt this yields I, ~ 1.25l,, and for
the solution I, ~ 2.7l,. Errors are on the order of the symbol
sizes.

Table 8. Results of Some Static Properties for a Realistic
Meso-Scale Model of Poly(isoprene) in a Melt and a More
Generic Bead—Spring Model with Bond Angle Stiffness2

Re Re? lp Ik
melt model [nm] [Nm?] Re¥Rg? [monomers] [nm]
x=15N=2018 128 10.3 6.3 1.2 1.2
CGPI,N=20 1.20 8.7 6.0 1.25 1.0
x=15N=5018% 220 295 6.2 13 13
CG PI, N =50 1.97 233 6.0 1.25 1.0

2 Rg is the radius of gyration, R is the end-to-end distance of
the chain, I, corresponds to the persistence length, and Ik corre-
sponds to the Kuhn segment length.

(isoprene) to the meso-scale,’* even though it just
comprised one simple bond angle potential in addition
to a FENE bead—spring interaction for the intramo-
lecular part:

Vangle =x[1+ Uj'aj—o—l] kBT (7)

The vector U corresponds to a normalized bond vector,
and x is the force constant to determine the stiffness.
The scalar product corresponds to the cosine of the angle
along the backbone. The comparison of static properties
of the two models is presented in Table 8. One observes
that most properties yield similar values, in the case of
Re, Re?/Rg?, and I, even within statistical error. How-
ever, the end-to-end distances deviate more strongly,
showing that the realistic poly(isoprene) chains are more
coiled than generic chains. This is also reflected in the
Kuhn segment length lx, which defines the distance
beyond which one expects universal chain behavior:

- R0 RSO
T RM (N - DI,

Coolb (8)

It is significantly shorter for the realistic model com-
pared to the generic one. A reason for that could be the
missing torsional potential in the latter. Also, the
dynamical behavior turns out to differ significantly, as
will be shown in the next section.

Although the mesoscopic model is optimized against
the atomistic structure, some structural differences
remain. Comparing the pair distribution functions of
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Figure 5. Pair distribution function g(r) for the centers of

mass of different chain models. We show two different atom-

istic 10-mers (M1 and MZ2), a mesoscopic 9-mer, and a

mesoscopic 50-mer. The statistics is weak close to overlap. At
distances of 1 nm and more, the errors are about 5%.

centers-of-mass of whole chains (cf. Figure 5), we see
that the mesoscopic model chains show less structure
on short distances. The mesoscopic 9-mers show a
simple correlation hole whereas the atomistic 10-mers
exhibit a structured correlation hole. Moreover, we see
the strong difference between a mesoscopic 9-mer and
a 50-mer. In the latter case the correlation hole is much
less pronounced. This can be understood as the bigger
a chain becomes, the less volume in its ellipsoid of
gyration it actually occupies and the more overlap of
such ellipsoids is possible.

C. Dynamical Properties in the Melt. The Rouse
model?® is widely accepted for the dynamics of short
flexible chains in the melt. It is based on the screening
of excluded volume and that all local intrachain interac-
tions can be mapped onto a Kuhn segment length.26
Poly(isoprene) has been experimentally tested against
the Rouse model,?” and the agreement was not too good
at room temperature. Simulations at the atomistic
model found for the oligomers of length 10 a reasonable
description by the Rouse model only at the elevated
temperature of T = 413 K.11

For long chains deviations from the Rouse model are
expected due to mutual topological constraining of
chains. Such deviations could then be attributed to
entanglements. Recently, it has been shown that even
a weak presence of stiffness can dramatically decrease
the onset of entanglement influences.'® In the present
contribution we are using a different and systematic
way to derive the intrachain interactions. It is therefore
of interest to compare the effect of these more realistic
local interactions on the meso-scale level to the Rouse
model. We do not attempt to directly map the atomistic
and meso-scale dynamics onto each other. However, we
use the numerical interaction potentials in a Brownian
dynamics simulation and elucidate the influence they
exert on the overall dynamics in the melt.

Two observables are commonly used to decide on the
validity of the Rouse model: the mean-squared dis-
placements and the Rouse modes. Figure 6 shows the
01 function which is defined as

gl(t) = |ll?zcenter(t—}_'to) - ﬁcenter(to))zg0 )
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1o 100 1000 70000
time tix

Figure 6. The g;-function, mean-squared displacement of
central monomers for the melt simulation at chain lengths
N =9, 15, 20, 35, 40, 45, 50, 85, and 120 from top to bottom.
As guides to the eye, we show lines indicating t°% and t*. Time
and space are rescaled by the usual Lennard-Jones units o
and 7.

where Rcenter(t) denotes the position of the central
monomer of a chain at a given time. The central
monomer is chosen to suppress end effects as good as
possible. For short times (t < 7g) one expects all curves
to fall on top of each other; tr is the Rouse time with
all internal degrees of freedom are relaxed (below). At
such short times the individual monomer does not yet
have to drag the whole chain with it, but an increasing
part. At t ~ tr(N) the different curves leave the master
curve as the increasing neighborhood has reached the
chain length. For longer chains Figure 6 shows clearly
such a Rouse regime where g;(t) O t°5. Additionally, for
all chain lengths N < 85 we find the free diffusion limit
g1(t) O t reached and therefore the systems equilibrated.
This shows that the local dynamics is Rouse-like with
the connectivity leading to a time-dependent diffusion
coefficient for t < zg. This in turn leads to the subdif-
fusive behavior observed. For longer chains the local
regime lasts longer which clearly hints toward the
connectivity as reason for the subdiffusivity. For the
largest chain length of N = 120, which corresponds to
a molecular weight of 8162 g/mol, we find a small time
window (between about 30007 and 50007) where the
logarithmic slope falls slightly below 0.5 (namely 0.45).
This hints to the first onsets of entanglement influences.
As the experimental entanglement length of poly-
(isoprene) is 6400 g/mol,28 this shows that approaching
it we find a first indication of slowdown which may be
attributed to entanglements. It is known that in order
to find strong deviations from the x%° behavior or even
approach the x%25 behavior expected from Rouse modes
constrained in a reptation tube!® chain lengths of an
order of magnitude longer than the entanglement length
are needed.10:29:30

The actual Rouse model relies on the independence
of the Fourier modes of the_chains. We compare the
decay of these Rouse modes X,

2]
X, =—) cos|l—R, 10
N i (10)

According to theory, the curves for the different modes
at a given chain length should collapse if the time and
the correlation function are rescaled by the squared
mode index.'® For intermediate chain lengths we find
this scaling to work reasonably well. For longer chain
lengths, however, the higher modes are apparently
faster than predicted by the Rouse model. This is a first
hint toward entanglements. It has been observed in
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Figure 7. Decay of the autocorrelation functions of the Rouse modes for different chain lengths in Rouse scaling. (a) N = 35,
(b) N = 65, and (c) N = 85. The symbols are described in (b). (d) Comparison of the decay of the autocorrelation function for

different chain lengths.

Table 9. Fits of the Rouse Time Using the Decay of the
first Rouse Mode for Different Chain Lengths?

N TR ‘[R/N2 @/kT
35 743 0.60 17.76
50 1946 0.78 23.09
65 3722 0.88 26.04
85 9300 1.29 38.18
100 13800 1.38 40.85
120 17700 1.23 36.41

a2 The estimates have an error of 15%. Also, the Rouse friction
coefficient ¢ is shown with the same error estimate in units of
temperature.

simulations of other polymer models that especially the
lower modes are likely to be the first to be influenced
by entanglements.’131 So for longer chains we get a
2-fold deviation from the Rouse model at high and low
modes as the Rouse scaling is no more obeyed.

Table 9 shows the Rouse time 7r_derived by an
exponential fit to the first Rouse mode X; in dimension-
less units. We clearly see finite chain length effects. For
longer chains N = 100 these effects start to become
weaker. Figure 7 compares the scaling for several chain
lengths. This suggests that poly(isoprene) melts at room
temperature do not completely behave according to
Rouse theory. From the Rouse times we can calculate a
friction coefficient ¢ at every chain length which is
defined by

_ 3p2a’kgTr,

11

This friction increases with chain length until it reaches
a plateau value at N > 80. This indicates that the Rouse
model in this system is only obeyed for the larger chain
lengths. The different Rouse modes at a given chain
length obey Rouse scaling even for shorter chains, but
the Rouse friction assumes only a generic value for
chains of intermediate length.

We are not yet able to reach into the entangled
regime; we are just reaching at the entanglement
length. Especially for the longest chains the scaling of
the Rouse modes for different chain lengths onto each
other apparently holds. It is interesting to note that we
see finite chain length effects for chains of moderate
length. Figure 7d is a way to tell oligomers from
polymers as the self-similarity is obeyed in the polymer
case. For oligomers the Rouse friction calculated from
the first Rouse mode increases with chain length (see
Table 9). This was not found in a recent study of model
chains only incorporating stiffness. In that case the
Rouse model was obeyed almost from the very beginning
(N > 15). This is another important finding in the view
of modeling long oligomers or short polymers. For chains
with chemical identity we find a regime where the chain
nature is already important, but the generic polymer
models are not yet valid. These results confirm our
earlier results where a very simple three-body interac-
tion was used to vary the local stiffness.!! In both cases
it is clear that intrachain potentials have a marked
influence on the overall dynamics of a polymer melt.
Moreover, we find that the diffusion coefficient does not
scale in a Rouse like manner with chain length. Accord-
ing to Rouse theory, the product of chain length with
the diffusion constant DN should be constant, and
deviations from such a plateau at high molecular weight
can be attributed to entanglements. We see a decrease
of DN with chain lengths already at very low molecular
weight (cf. Figure 8a). However, this cannot be described
by the entanglement effects as all the other indicators
hint toward a nonentangled motion. Moreover, in the
region where we find Rouse scaling to be fulfilled,
namely at N = 80, the dependence of the diffusion
coefficient on molecular weight becomes weaker. Also,
if we rescale the quantity DN by multiplication with the
friction coefficient, we do not get a constant (cf. Figure
8b). If we would have a perfect random walk with
vanishing correlation length and ideal Rouse behavior,
we would find DNE = kgT. The values in units of kgT
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Figure 8. (a) Nondimensionalized center-of-mass diffusion
coefficient scaled with chain length. According to Rouse theory,
this should be a constant. (b) Nondimensionalized center-of-
mass diffusion coefficient rescaled with chain length and chain
length dependent friction coefficient (cf. Table 9). The error
for both figures is around 15%.

are much larger than unity as the correlation length of
the random walk is not 0; note that we did not introduce
a persistence or Kuhn length in the analysis. Moreover,
also this quantity decays with increasing chain length.
This again confirms that the Rouse model cannot fully
explain the observations. A possible reason may be the
different distances of the temperature from the chain
length dependent glass transition temperature Tg.
Experiments on polyethylene showed such an effect.®?
Therefore, a determination of glass transition temper-
atures and simulations at constant temperature dis-
tance from Ty may be a way to find correct Rouse scaling
in such a system.

V. Conclusions

Atomistic simulations of trans-poly(isoprene) in the
melt and in solution have been performed and indepen-
dently coarse-grained to models with one interaction
center per monomer. The local scale models are verified
against experimental data where available. In the melt
a slowdown of the dynamics is found as expected. For
the solution we were able to equilibrate oligomers of
length 15 monomers until the end-to-end reorientation
correlation function decayed to less than about 30% of
its initial value. Note that we did not need heavy
hardware resources to generate the statistical precision
we present here.

The two independently coarse-grained models for
solution and melt are distinctly different. It is impos-
sible to represent a chain in such strongly different
environments on the coarse-grained level with a generic
potential. This is especially true as we aimed to get rid
of the solvent completely in the solution case. Melt and
solution are very well-known to behave strongly differ-
ent in the long chain limit.
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The coarse-grained models could be compared against
well-known long polymer scaling theory. Additionally,
comparison to experiments yielded a difference of 35%.
The Rouse behavior is for this model recovered for
chains of more than around 80 monomers. In summary,
we find that the proposed coarse-graining procedure
allows us to produce models which are reliably repro-
ducing properties of real polymers. We were not yet able
to reach into the reptation regime. Our largest chain
length is only slightly above the entanglement molecular
weight, and we see a very weak slowing deviation from
the Rouse model.
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